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1. INTRODUCTION

Irradiation with energetic particles hardens metallic
materials by producing numerous defect clusters and makes
them more prone to microscopic and macroscopic strain
localizations and embrittlement [1-4]. Since these phenomena
are the main degradation mechanisms of nuclear structural
materials in low-temperature environments, a number of
studies have been attempted to find the detailed mechanisms
and their relationships to the macroscopic material behaviors
[5-24]. Even though the microscopically-localized deforma-
tion has been well-known for decades and observed in
virtually all irradiated metallic materials, much of the
detailed mechanisms and their effects on macroscopic
mechanical behaviors have never been fully understood
[20-24]. Strain localization and embrittlement are among
the major concerns in designing future nuclear facilities,
where much higher displacement-per-atom (dpa) damage
is expected than in conventional power plant components.
The lifetime doses of several tens to hundreds of dpa are
predicted for advanced nuclear applications, such as

spallation neutron source vessels, fusion reactor first walls,
and fuel claddings of fast reactors, for a year or their life
times [25], while relatively low damage (< 0.1 dpa) is
predicted for the pressure vessel steels of current water-
cooled power reactors after the end of life. Most of the
commercial structural alloys will show embrittlement as well
as plastic instability at those high doses. It is necessary,
therefore, to understand those irradiation-induced degradation
phenomena in materials for successful design and operation
of those future devices.   

Since the earlier studies during the sixties to eighties
of last century [1,4-13], the dislocation channel, which is
formed by clearance of radiation-induced defects, has been
the icon of the localized deformation in irradiated materials.
Actually, those earlier studies have found most of the
important features of dislocation channeling such as the
defect-cleared channels, speed of formation, dimensions of
channels, and some defect clearing mechanisms [7-13]. In
the past decade research efforts to elucidate the localized
deformation and related mechanisms have been largely
renewed because of advanced electron microscopy skills,
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higher computer capacities for simulations, and new
theoretical models [26-38]. However, details of the
mechanism, like the one for channel initiation, have not
been fully understood: no complete theoretical method to
predict the critical stress for channeling in the commercial
nuclear materials has been proposed, although it can be
an important parameter for material selection and design
purposes [7,24,37]. 

In low stacking fault energy materials, such as 300
series austenitic stainless steels, the mechanical twinning
is an alternative microscopic localization mechanism to
the dislocation channeling [37-46]. Twinning has been
recognized as a localization mechanism because it is also
formed by massive but confined dislocation glides [37,45].
Often, both dislocation channeling and deformation twinning
take part in the deformation of low-temperature irradiated
stainless steels [3,36,37]. Both mechanisms require
significantly high stresses to initiate, and in most metallic
materials irradiated at low temperatures (<~200 °C) those
strain localizations occur above ~10-2 dpa [37,38]. 

Plastic instability (or necking) is the macroscopic
version of strain localization. In most of the body-centered
cubic (bcc) and hexagonal close-packed (hcp) metals,
prompt necking at yield almost always occurs after low
temperature irradiation to a dose higher than 0.1 dpa
[1,3,13-15, 18-21]. Thus far, this has led to a common
belief that the plastic instability and whole macroscopic
strain-hardening behavior are connected to the change
of microscopic deformation mechanism from uniform to
localized deformation. In recent studies, however, no evident
relationship between the microscopic and macroscopic strain
localizations was found when the stress-strain behaviors
were compared in terms of true stress units, although
significant changes in engineering flow curves and defor-
mation mechanisms were observed [47-51]. Further, the
prompt necking at yield is not observed in some high purity
bcc and many face-centered cubic (fcc) materials until
the irradiation dose reaches a few or tens of dpa. This
might be because of their high strain-hardening rates and
delayed clustering of point defects to larger defects. The
true stress analyses led to a few new findings: the metals
after irradiation showed necking at yield when the yield
stress exceeded the true plastic instability stress for the
unirradiated material; both the plastic instability stress and
the true fracture stress were nearly independent of dose if
no radiation-induced phase change or embrittlement exists
[50,51]. 

This paper aims to provide a summary for the state-of
-the-art understandings on the strain localization phenomena
and the relationship between the microscopic mechanisms
and the macroscopic behaviors. First, the channeling and
twinning in irradiated materials will be reviewed and
summarized. Second, the strain-hardening behavior and
macroscopic strain localization, or necking deformation,
will be discussed focusing on the dose dependence of true
stress-true strain curves and true stress parameters. Third, the

relationships between those macro- and micro-behaviors
will be discussed; the latest findings through theoretical
analysis will be introduced. The last part of this paper will
be a generalization of the strain localization phenomenon.
In this paper supporting data are provided in figures and
tables and represent recent studies at ORNL [3,36-38,41-51].

2. MICROSCOPIC STRAIN LOCALIZATION  

2.1 Dislocation Channeling 
2.1.1 General Features

As known for decades, the dislocation channeling is a
process of heterogeneous plastic deformation by ordinary
dislocations, in which dislocations released from a source
glide along a limited number of slip planes, removing or
cutting through small barriers in their paths [1-14]. This
defect-clearing interaction creates an easy path for subsequent
dislocation glide and a narrow channel that is a fraction
of a micron wide is developed. It has been observed that
the strain in a channel reaches a few hundred percent at a
bulk strain of a few percent [1-4,8,11,37]. Actually, the
channeling process was predicted by Cottrell [52] even
before the first transmission electron microscope (TEM)
observation was reported. He proposed that slip dislocations
could sweep away defect clusters, facilitating the easier
passage of subsequent glides on the cleared planes. Many
of the earliest experimental observations of dislocation
channeling were for neutron-irradiated single crystals of
copper or copper alloys [5-8,11]. 

Although the initiation mechanism for channeling
process cannot be recorded because it is a high speed
process, details on the channeled microstructures have been
well-characterized by TEM techniques. One of the most
systematic studies among the earliest studies in 1960s [6-
10] was Sharp’s work for single crystalline copper after
irradiation to ~10-3 dpa [8], where the width of channels
were measured in TEM as a function of temperature, dose,
and strain. The width and spacing of the channels were
compared with the data by surface replica technique. Some
details observed in channeled copper single crystals [8] are
listed as follows: 
A. The shear strain was well-confined in narrow bands;

the grown-in dislocations between slip bands showed
no sign of having moved and were heavily jogged; they
became jogged by sinking irradiation produced defects.

B. The defect-free channels were parallel to the easy-glide
trace of a {111} plane, whose width was constant along
their length although different channels had slightly
different widths (mean width = 0.15 micrometers).

C. Although patches of dislocation debris were observed
within channels, channels were clear of (almost) all
defects of visible size and no piling up of defects at
the side of the channel was found.

D. The channel width and step height at specimen surface



decreased with decreasing test temperature; the channel
width decreased with increasing dose while the step
height increased with dose. Effects of thermal annealing
on deformation were similar to the effects from a
reduction of dose. 

E. The channel width was independent of strain rate in
room temperature deformation (0.1 and 0.001 in/min).
Also, the channel width for large strains was about
the same as that for small strains, although spacing
decreased with strain. 

F. Cross slip channels were commonly observed after
deformation at room temperature, but rarely at 77K.
The channels became more irregular at 200 °C, at which
the slip was a combination of primary and cross slip.

G. Intersection of slip line showed that the shear within
a channel was fairly evenly distributed across the
channel. The debris from work hardening within channel
distributed evenly. 

These microstructural details led to a description for
the whole process of channeling consisted of initiation,
dislocation multiplication, softening, and work hardening
stages [8]. Also, other studies confirm that the character-
istics of channels observed in copper, a typical fcc metal,
are not significantly different from those of the materials
with other crystal types [10,12-14], except that the shape
of channels, straightness in particular, is affected by stacking

fault energy [38].
For work hardening within channel band or for

termination of channeling process, the long-range stress
from pileup dislocations is considered to be the most
important factor [7,11]. Since some hard obstacles like
aluminum-oxide (Al2O3) particles can introduce a long-
range stress hardening by Orowan mechanism, which
compensates the softening effect from the clearance of
defect clusters, the tendency to form channels is reduced
in such particle-hardened materials. Sharp’s experimental
results [11] showed that cleared channels were formed in
Cu-0.8%Co and internally oxidized Cu-0.05%Al single
crystals, whereas the dislocations were just confined to a
few slip planes in internally oxidized Cu-4%Al single
crystals, where oxide particles were abundant, without
forming cleared channels. Since other hardening
mechanisms are expected to have minimal role in the
cleared channels, the above evidence suggests that the
buildup of long-range stress will be a main hardening
mechanism in the channeling process. As will be
discussed separately later, the long-range back stress from
pileup dislocations is the main hardening stress in both
polycrystalline and single-crystalline materials [7-24].
Polycrystalline materials, where higher back-stress
hardening is expected because of pileups against grain
boundaries, might show narrower channels than in single
crystals.    
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Fig. 1. Uniform Deformation Microstructures (random dislocation tangles) Found in (a) Pure Vanadium (bcc) at 10% Strain and in
(b) 316 Stainless Steel (fcc) at 6%. Both were Deformed by Uniaxial Tensile Load at Room Temperature [3,36]  



2.1.2 Latest Results at ORNL 
Characterizing and mapping strain localization for

selected commercial and pure metals have been pursued at
ORNL for in recent years. Examples for uniform (random)

and channeled microstructures are presented in Figs. 1
and 2, respectively, where dramatic differences are found
in the features of residual dislocations and glide tracks.
In Figs. 1(a) and 1(b) are the TEM microstructures after
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Fig. 2. Channeled Microstructures After Neutron Irradiation at ~80 C and Deformed at Room Temperature [3,38]: (a) Straight
Channels and their Interception in 316 Stainless Steel at 0.78 dpa, 5% Strain; (b) Single Channel in Iron at 0.89 dpa, 0.2%

Nominal Strain; (c) River-pattern Channel Network in Vanadium at 0.69 dpa, 10% Strain; (d) Parallel Channels in Zr-4 at 0.8 dpa,
6% Strain. The Vanadium Specimen was Deformed by Disk-bend Technique, while the Others were Deformed by Uniaxial

Tensile Loading 



the uniform deformation in unirradiated vanadium and 316
stainless steel. Both are annealed materials. The random
distributions of residual dislocations indicate that dislocation
glides have not been confined in any bands and dislocations
have freely interacted with each other during deformation.
Comparison of the displacement made by residual dislo-
cations with the bulk strain measured can confirm that most
of the dislocations contributing to plastic strain have glided
to the specimen surfaces. No track has been left in these
unirradiated specimens without visible defect clusters. 

As presented in Fig. 2, channeling is largely favored in
the room temperature deformation after low-temperature
neutron irradiation [3]. In the channeled microstructures of
316 stainless steel, Fig. 2(a), the defect-cleared channels
formed on {111} planes intercept each other and divide the
deformation microstructure into blocks with little dislocation
activity in the unchanneled matrix. It is known that the
active {111}<110> slip systems for channeling are the
same as those with uniform deformation [1-4]. With an
average of 1 to 3 dislocations glided on each slip plane in
the channel [6-12], shear strain is well confined in the
channel and uniformly distributed through the width [3,8,11].
Although the secondary slip was active during the channel
deformation, and therefore formed many crossings with
the primary slip bands, no primary or secondary channel
segment exhibited curvature in the low SFE fcc materials
[8,11,37-46]. 

In A533B steel, a quenched and tempered bcc material
that has very fine composite structure of carbides and laths,
observation of channels is difficult, and therefore the
channeled microstructure has seldom been reported [3].
This is because such a low uniform ductility material shows
a prompt necking at yield at a low dose, just above ~0.01
dpa, however, channeling occurs above ~0.1 dpa. Therefore,
taking TEM samples from the necked specimen is extremely
difficult. This difficulty is also because channeling seems
to be delayed to a higher dose due to the high internal stress
generated in such a fine, complex microstructure. A straight
channel in neutron-irradiated A533B steel is presented in
Fig. 2(b). This was obtained from the uniform section of
a specimen that showed prompt necking at yield, thus the
corresponding bulk plastic strain was merely about 0.2%.  

Although most of the channels reported for metallic
materials are straight, narrow bands with constant width,
some materials develop curved channels, sometimes with
widening as they propagate [3,18,36]. A physical parameter
that controls the channel shape is believed to be the stacking
fault energy. The SFE is also believed to determine the
mechanism of strain localization. In irradiated austenitic
stainless steels, typical low SFE materials, both twinning
and channeling mechanisms are operative, depending on
the type of defect clusters and on testing condition [3,37,45,
46]. One of the high SFE materials is bcc vanadium. Recent
study on channeling by Hashimoto et al. [36,38] shows
that the tendency for channeling increased gradually with
dose. Plastic deformation was weakly channeled at 0.012

dpa; most of the remaining dislocations are confined within
the band, and the boundary with the surrounding unde-
formed matrix is vague. It is believed that a dose of 0.01 dpa
is about the critical dose for channeling in pure vanadium.
Most of the dislocations and pileups within the localized
bands disappeared in the channels formed at a higher dose
of 0.12 dpa [36]. Fig. 2(c) presents a channel network in
vanadium after neutron-irradiation to 0.69 dpa and disk
bend deformation to 10% strain. This channel network is
analogous to the river pattern in the cleavage surfaces of
bcc metals; the channels split, merge, widen, and curve
during propagation. It was observed that the channel width
in the widest part was larger than 200 nm, which was
about 4 times larger than that of the narrowest side, about
50 nm [38]. Only a perfect screw dislocation can change
its slip plane by cross slip, in which its Burgers vector is
not changed [53-55]. Since one cross slip onto another
slip plane will make just a sharp deflection in the path of
a dislocation, the curving and/or widening over a large area,
as seen in Fig. 2(c), must result from  numerous cross slips.
A curved path can be formed by multiple cross slips per
each dislocation or by cross slips on successive planes
at different positions with single cross slip per each
dislocation. 

The easy glide plane in a crystalline material is usually
the most closely-packed plane [55]. In contrast to the fcc
lattice where the {111} slip planes predominate, bcc crystals
commonly deform by slip on {110}, {112} and {123}
planes [29]. These planes have similar atom packing
density and include <111> glide directions. Dislocation
channels in an irradiated material are known to form in the
same slip systems as individual dislocation glide in the
unirradiated material [1-4,8,11,36]. TEM micrographs of
bcc vanadium show that channels in vanadium are formed
primarily on {112} planes with a few exceptions in which
channels are formed on {110} or {123} planes [36,38].
No stacking fault or dissociated dislocation was observed
because the stacking fault energy of vanadium is too high
to dissociate dislocations.

No significantly different feature is found in the channels
formed in the hexagonal close packed (hcp) material Zr-4
[3]. Fig. 2(d) displays nearly parallel channels formed after
neutron irradiation to 0.8 dpa. At lower doses the channel
edges were not sharp, and the channel contrast was not
strong, suggesting that there were some remnants of defect
clusters. The dislocation channels became obvious at or
above 0.1 dpa. In Fig. 2(d) the dislocation slips tend to
occur only on one prismatic {101

-
0}<112

-
0> system, and

cross channels were rare. The major channels were nearly
uniformly 40-75 nm wide and were spaced at 400-1100
nm. The pyramidal {101

-
1}<112

-
0> slip system was found

only at lower doses [3].
Other important observation is the existence of dense

grown-in dislocations in vanadium formed by irradiation
[38]. Fig. 2(c) shows that these dislocations were removed
by channeling process, as were the black-dot defects. Some
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dislocations observed within the channels are believed to
be extended parts of grown-in dislocations from the non-
channeled area. 

2.2 Deformation Twinning 
Deformation twinning is preferred in the materials

with unremovable obstacles which can induce high stress
because its initiation requires higher local stress within
the twin band [37,45,46]. The deformation twinning which
is often observed in low SFE fcc materials is classified as
a strain localization mechanism because of its nature of
massive dislocation glide in narrow bands [1-3]. Figs. 3(a)
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Fig. 3. Microstructures of 316LN Stainless Steel After Irradiation with 350 keV Helium Ions at 200 C, Followed by Room
Temperature Deformation to About 10% Strain by Disk-bend Technique [46]. Corresponding Doses are (a) 0.015 dpa, (b) 0.15
dpa, (c) 1.5 dpa, and (d) 15 dpa. Stacking Faults (SF) are Found at the two Lower Doses; while Only Deformation Twins are 

Found at Higher Doses. Very Thin Twins also Exist in (b).   



to 3(d) display a progressive localization in 316LN stainless
steel after helium-ion irradiation up to 15 dpa (20 at.%
He) and deformation to a plastic strain of about 10% at
room temperature. As an indication of dissociation of perfect
dislocations, the stacking fault segments (indicated by SF)
are seen at 0.015 and 0.15 dpa. These stacking fault segments
are formed by dissociation of perfect dislocations (Burgers
vector = a

2 <110> type, where a = lattice parameter) into
Shockley partial dislocations (a6 <112> type). At 0.015
dpa, Fig. 3(a), the glide dislocations became confined on
{111} planes forming pile-ups. Some of the pile-up dislo-
cations are dissociated into Shockley partials forming
multiple stacking faults in a row on the same plane. As
the irradiation dose increased, the separation of Shockley
partials or the width of stacking faults became larger. At
0.15 dpa, Fig. 3(b), the fringes extended over the whole
grain, which appear as long stacking fault strips or thin
twins. Cross-slip seemed to be severely restricted during
deformation at 0.15 dpa and dislocation glide occurred
mostly on {111} slip planes. Patches of stacking fault
fringes became evident along the {111} glide planes and
glide of partials on successive planes formed thin twin
layers [41-43]. Some random dislocations are still found
in Fig. 1(b). The deformation bands consist of stacking
faults/twin layers and perfect and partial dislocations and
they formed on at least three slip systems on {111} planes. 

In Fig. 3 a dose of 0.15 dpa seems to be a threshold for
the transition of deformation microstructure. The separation
between leading and trailing partials became infinite or
large enough to cover a whole grain, which was usually
coincident with twinning dominant. At higher doses, 1.5
and 15 dpa, the propensity for separated partials increased
dramatically and the faulted regions on adjacent glide
planes began to overlap or glide of partial dislocations
occurred on successive planes forming twin bands as white,
straight bands in edge-on view, as seen in Figs. 3(c) and
3(d). The twin bands at the highest dose of 15 dpa have
clearer boundaries with the matrix [41-43]. 

In general, the plastic deformation was progressively
localized on {111} slip planes with increasing dose, as the
ability to cross-slip became increasingly discouraged by
the increase of the separation distance of Shockley partial
dislocations [44-46]. Consequently, the deformation micro-
structure changed from a dislocation network dominant
to twin dominant microstructure with increasing radiation
dose. Because of the low SFE, the straightness of localized
bands is retained even under a complex loading. Bend
loading by a ball puncher, used for producing Figs 3(a)
to 3(d), can generate a multiaxial, high constraint stress
state within a disk specimen [44]. Deformation in a punched
(bent) disk under multiaxial stress fields should increase the
possibility of cross slip in dislocation glide due to geometrical
requirements. In the deformation microstructures of stainless
steel, however, the effect of this complex stress state was
not observed, as shown in Fig. 3. Only straight bands were
formed in all localized deformations. 

It may be also an important finding that there exists a
transition range of dpa dose in the shift of deformation
mechanism from random dislocation networks to twins,
in which the separation of partials increases with increasing
dose [46]. At room temperature this transition range covered
a dose range 0 to 0.15 dpa. In the twin-dominant micro-
structures, the distance between twin bands is typically a
fraction of a µm. 

2.3 Critical Stress for Strain Localization 
2.3.1 Channeling Stress 

Although the channeling phenomenon has been
observed in many materials to establish its general
features as described in section 2.1 [1-4,6-13] and some
mechanisms for dislocation-defect interactions or defect
clearing processes have been observed and proposed [26-
35], the criterion for the phenomenon has not been
clearly determined [46]. 

A model based on lattice hardening and dislocation
pileup, as a first theoretical model for channeling, was
proposed by Makin and Sharp [7] to explain the channel
formation in irradiated copper single crystals, in which the
critical stress to form a channel is the stress to generate
the first dislocation loop in the environment of the defect
clusters [7]. As the slipped area expands, a pile-up forms,
and the stress required to expand this pile-up falls. Under
a constant load the pile-up rapidly increases in size and
hence slip lines form quickly. This high speed formation
has been confirmed by cinephotography on the slip line
formation at the specimen surface: slip lines were formed
in less than one microsecond. This study also indicates that
the yielding process in irradiated materials is similar to the
localized, heterogeneous deformation that occurs during the
formation of Lüders bands in hardened materials [3,55].

In the Makin and Sharp’s model [7], however, the role
of grain boundaries or other harder obstacles was not
explored, and consequently it produced ever-decreasing
stress with the pileup expansion. This decreasing local stress
cannot explain the high strain-hardening rate and formation
of multiple channels, which indicates termination of a
channel and initiation of the next channel in a different area,
even in a single crystal specimen. To explain channeling
in polycrystalline materials, therefore, an integrated process
of dislocation pileup against the grain boundary and subse-
quent propagation to adjoining grains should be considered.
At a critical stress, the pileup dislocations can unlock a
source in the adjoining grain or the pileup loop can expand
to larger volume [55]. Since details in channeling processes,
such as dislocation generation and interaction with defects,
have not been completely modeled, an indirect method to
calculate the critical stress is introduced here [37]. 

When a number of dislocations are accumulated in
the pileup against a grain boundary due to the clearing of
matrix defects, it is unlikely for the pileup dislocations to
penetrate the grain boundary one by one. Once a critical
stress is reached at the tip of pileup, the pileup dislocations
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may avalanche into the adjoining grain in the form of two
-dimensional pileup or an array. It is believed that such a
rapid dynamic process should be spontaneous under the
critical stress level. An idea proposed is that the stress
relaxation due to an abrupt localized shear can be converted
to an elastic energy release in a local volume, which is
used for the propagation of a dislocation pileup [37]. It is
assumed that the radiation-induced defects are completely
removed within channels and thus the amount of stress
relaxation is equal to the total hardening stress due to the
defects. Since the shear displacement in a channel formed
by glide of NC dislocations with Burgers vector b is NCb,
the average shear strain in the channeled area C can be
given by

where Hc is the range of stress relaxation, or the effective
grain size, in which the hardening stress is relaxed. Then,
the shear stress relaxed by glide of NC dislocations is given
by the product of the shear strain and shear modulus µ:  

Since the stress can not be relaxed below the yield shear
stress of defect-free microstructure 0, the critical shear
stress for channeling is approximately expressed by   

Since a rapid channel growth was assumed in deriving
this equation, the stress determined by this equation must
be the critical stress for a well-developed channel only.
To use equation (3), we need to evaluate the number of
channeling dislocations Nc. This has been obtained from
the channeled microstructures of 316 stainless steel at
0.78 dpa [3]. The largest shifts at channel intersections sC

were about 50 nm (the largest shifts should be used
because the projection of the shifts appear smaller when
the Burgers vector b is not on the image plane), and the
size of b is 0.2526 nm for the steel. Then the number of
dislocations can be calculated by the shift divided by the
Burgers vector size: NC= sC /b 200. Using typical material
property values for 316 stainless steel, equation (3) gives
about 210 MPa for the critical shear stress for channeling
(or equivalent stress C = 640 MPa). This level of yield

stress is achieved in stainless steels by low temperature
irradiation to a dose above 0.1 dpa, where channels are
observed [37]. 

2.3.2 Twinning Stress
In fcc metals, a perfect dislocation dissociates into two

Shockley partial dislocations, leaving a stacking fault
between the two partials [53-54]. This separation of the
Shockley partials initiates mechanical twinning at high
enough stress [37,45,46]. An equilibrium separation between
the two partials can be determined by a balance between
the repulsive forces of the two partials and the attractive
forces due to the stacking fault energy. In austenitic
stainless steels, the formation of large stacking faults and
twins becomes dominant when specimen is deformed at
low temperatures [46,50,56] or at high strain rates [55-
58]. Irradiation also significantly increases the tendency
for stacking fault and twin formation [41-46].  Recently,
a variety of deformation microstructures have been produced
for 316 and 316LN austenitic stainless steels by changing
material and testing conditions [37-46,50]). The equivalent
applied stresses were calculated for those microstructures
and it was attempted to find a common relationship between
applied stress and deformation microstructure [45,46]. It was
possible to categorize the deformation microstructures in
terms of the equivalent stress range: (1) Dislocation tangles
were dominant at low equivalent stresses < 400 MPa. (2)
Small, isolated stacking faults smaller than about 1 µm
were formed in the stress range from about 400 to 600 MPa.
(3) Large stacking faults (> 1 µm) /twin bands became
dominant at stresses > 600 MPa. A key conclusion was
that the austenitic stainless steels will deform by forming
bands of large stacking faults and twins when the stress
exceeds a critical equivalent stress level of about 600 MPa
by any of possible strengthening measures: irradiation,
increasing strain level, and decreasing test temperature.

It is known that the perfect dislocations in fcc metals
exist as dissociated partials even without external stress
because of the repulsive stress between the two dissociated
partials [45,54]. The distance between the two dissociated
partials can be increased or decreased by external stress
since the resolved shear stresses acting on the individual
partial dislocations are different [54,57,59]. Copley and
Kear [57] have derived an expression for the partial
dislocation separation as a function of stacking fault energy
and applied stress, and later Kestenbach [60] showed that
the applied stress can make an average contribution of
±17% to an effective SFE in a 304 stainless steel. Goodchild
et al. [59] showed that in the separation of Shockley partials
the contribution due to an applied stress is of about the
same magnitude as that due to SFE. In these approaches,
however, the scalar treatments in formulation curtailed
some degree of stress effects in the deformation associated
with partial dislocations. 

Byun [45] proposed a true stress-based theory for the
separation of partial dislocations to explain deformation
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mechanisms including the formation of large stacking
faults and twins in 316 and 316LN stainless steels. The
theory is introduced here to derive expressions for twinning
stress and stacking fault size [37,45]. Two force balance
equations for the leading and trailing partials with parallel
line vectors were established by considering the Peach-
Koehler force by applied stress field, the repulsive force
between parallel dislocations, the attractive force due to
the stacking fault energy ( SF ), and the friction force [45].
It is assumed that the largest stacking faults are formed
by partial glide in the x-direction on the xy-plane with
dislocation line vectors in the y-direction. In this situation
the shear stress zx should be the largest or near-largest
stress component. Also, the dissociation of a perfect
dislocation occurs under an angular relationship between
partial dislocations, 2- 1 = 60°, where 1 and 2 are the
angles of the Burger’s vectors of the leading and trailing
partials with the dislocation line vector of the perfect
dislocation, respectively. Then, the expression for separation
distance of partial dislocations, d, is derived from the
force balance equations as [45]:

where

bp = Magnitude of the Burger’s vectors of partial dislocations,
v = Poisson’s ratio.

This equation is a generalized expression for the stacking
fault size as a function of stress [45]. It indicates that the
separation distance increases with resolved shear stress,
and the dissociation of a dislocation can increase up to
infinity when the resolved stress exceeds a critical value,
which becomes the twinning stress. If large stacking faults
are visible on a specific {111} plane, the dissociated
dislocations on the plane might be aligned properly for the
maximum stress effect. The influence of external stress

zx is maximized when the Burgers vector of the perfect
dislocation bcoincides with the its line vector l ( = y ), or
the perfect dislocation is of pure screw type ( l // b zx x ),
which gives simple angular relationships of the partials
with the perfect dislocation: 1 = -30° and 2 = 30°.  

Glide of the first Shockley partial dislocation leaves
an intrinsic stacking fault behind it and needs extra stress
to overcome the attractive force due to SFE [53]. It is known
that the energies for intrinsic and extrinsic stacking faults
and for two twin-matrix interfaces are similar [61].

Therefore, once the intrinsic stacking fault is formed by
the glide of the first partial, the glide of a second partial
on the next plane forms an extrinsic stacking fault behind
it and erases the intrinsic stacking fault. Subsequent glide
on the third and successive planes do not need additional
stress to overcome the fault energy and form a twin layer
[45,61,62]. Therefore, once the first partial glides, a twin
layer can be formed under a high stress. In the theory
discussed in Ref. [45], the twinning stress in polycrystalline
material was defined by the critical stress for infinite
separation of partials (with Taylor factor = 3.07 [53]):  

Using equations (4) and (6), detailed calculations have
been made for 316 stainless steels [45]. As indicated in
equation (4), the stacking fault size, or separation distance
of partials, is a function of stress. The equilibrium (zero
stress) separation between partials is about 10 nm. The
stress required for a 20 nm separation was calculated at
about 400 MPa; which was regarded as a boundary stress
between dislocation tangles and visible stacking faults
[45,46]. The stresses for 30 nm and 100 nm separations
were calculated at 440 MPa and 550 MPa, respectively.
Also, the twinning stress was determined to be about 600
MPa from equation (6). This twinning stress is similar to
the channeling stress given above, 640 MPa. Indeed, in
neutron irradiated 316 stainless steels the two mechanisms
compete at about 0.1 dpa or higher [3,37]. Note that a
stacking fault energy of 14.2 mJ/m2 was used for these
calculations [45]. 

3. MACROSCOPIC STRAIN LOCALIZATION 

3.1 Radiation Effects on Strain-Hardening
Behaviors
The macroscopic strain localization is often called

necking in tensile tests or plastic instability as a general
term. The plastic instability is observed as a localized
reduction of cross-sectional area that sustains load, and this
occurs in any metallic materials with ductility. Irradiation
usually reduces stable (or uniform) deformation capability
and often erases the whole capability for uniform ductility
at relatively high doses [3,18,19,36,47,49,51]. With a total
loss of uniform ductility, the engineering stress-strain curve
shows a decrease of engineering stress as soon as the
specimen starts to yield, which is called the prompt necking
at yield. Figs. 4 to 7 present some engineering stress-strain
curves before and after irradiation. In the bcc A533B steel
after irradiation up to 0.01 dpa, the engineering stress-
strain curve consists of a few distinctive regions: elastic
region, small yield drop, Lüders band, work hardening (up
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to maximum stress), and plastic instability or decreasing
stress. Above 0.01 dpa, however, the curves show prompt

necking at yield, with vague deflection after yield drop [3].
In the hcp Zr-4, the critical stress for the prompt necking
at yield is somewhere between 0.001 and 0.01 dpa. Overall
flow curve behavior for the Zr-4 seems to be similar to
that of A533B steel. 

In plastic deformation after irradiation, most of the
commercial grade pure metals and alloys behave in similar
manner as the above A533B steel and Zr-4. Although the
significant increase of yield stress is common for virtually
all metallic materials after low temperature irradiation, some
high strain-hardening rate metals such as 316 stainless steels
and high purity iron show different dose dependence in
the onset of necking; the prompt necking at yield is delayed
to a few or a few tens of dpa. Figs. 6 and 7 are the examples.
Explanation for this significant difference in the dose
dependence of the onset of plastic instability has been
pursued in terms of using true stress unit, instead of the
engineering stress [47].      

It has been repeatedly observed that the strain-hardening
rate at a given strain decreases with irradiation dose. This
has been explained by the clearance of radiation-induced
defects by glide dislocations [1,2]. Especially the prompt
necking at yield, such as those illustrated in Figs. 4 and
5, has been observed in many irradiated materials, and
believed to be a direct evidence of the reduced strain-
hardening capability [3]. If compared at the same stress,
however, the strain-hardening portions of the flow curves
after irradiation to various doses were very similar
[47,49,63-66]. This indicates that the true stress-true
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Fig. 5. Engineering Stress-strain Curves for hcp Zr-4
after Neutron Irradiation. Note that Prompt Necking Occurs

Above 0.001 dpa [3] 

Fig. 6. Engineering Stress-strain Curves for fcc 316 Stainless
Steel After Neutron Irradiation. No Prompt Necking at Yield is

Found up to the Highest Dose of 0.78 dpa [3] 

Fig. 4. Engineering Stress-strain Curves for bcc A533B
Reactor Pressure Vessel Steel After Neutron Irradiation [3]

Note that Prompt Necking Occurs Above 0.01 dpa. Deformed
by Uniaxial Tensile Load at Room Temperature [3,36]  



strain curves could be superimposed on the curve for
unirradiated material by shifts in the positive direction of
the strain axis. Fig. 8 confirms this assertion. This leads to
a conclusion that the strain-hardening behavior in neutron
-irradiated iron is dose independent [65]. As an explanation
for the dose independence, it was suggested that neutron
irradiation has a similar effect as pre-strain on the strain-
hardening rate [66], and the validity of the suggestion was
tested for dozens of irradiated materials [47]. 

In elastic-plastic deformation, only the residual defect
structure from previous deformation affects further
deformation. This indicates that the strain-hardening
behavior of a material is controlled by the current
microstructure that determines the flow stress. Therefore,
the best way to express the radiation effects on strain-
hardening behavior might be a strain-hardening rate
versus true stress curve, the so-called Kocks-Mecking plot
[67]. The Kocks-Mecking plots for 316LN stainless steels
are presented in Fig. 9. In the steel, the strain-hardening
rate decreases with true stress. Excluding the transition
portion of the curves near the yield point, however, all
strain-hardening rates at a stress fall in a band about 500
MPa wide. Also, comparison of the curves confirms that
there is no radiation-induced softening effect in strain-
hardening rate. This dose independence of true stress-true
strain behavior has been explained by a long-range back-
stress hardening theory [24,68], which will be summarized
in section 4.1.  
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Fig. 7. Engineering Stress-strain Curves for 316LN Stainless
Steel Irradiated in Spallation Condition [47]  

Fig. 8. True Stress-true Strain Curves for EC316LN Stainless
Steel; the Curves of Irradiated Specimens are Shifted in the
Positive Direction by Strains of 0.14, 0.18, 0.23, 0.28, and

0.385, Respectively, to Superimpose on the Curve of
Unirradiated Material. Irradiation-induced Increases in
Yield Stress Were 305, 358, 421, 485, and 587 MPa,

Respectively [47] 

Fig. 9. Kocks-Mecking Plots (strain-hardening rate versus
true stress curves) for 316LN Stainless Steel Before and After
Irradiation. Except for the Elastic and Near-yield Deformation

Regions, All Curves Fall Within a Narrow Band,
Indicating No Significant Radiation Effect in

Strain-hardening Rate [68]   



3.2 Dose Dependence of True-Stress Parameters
The true stress-true strain behaviors described in the

previous section indicate that the radiation influence is

apparent only in yield stress. In strain hardening beyond
the yield, the radiation effect is largely muted up to the
onset of plastic instability. The critical true stress for the
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bcc A533B-a 0 - 0.89 715 732 0.02

bcc A533B-b 0 - 1.2 665 680 0.015

bcc A533B-c 0 - 1.28 670 678 0.02

bcc 3Cr-3WV 0 - 1.2 707 705 0.025

bcc 9Cr-1MoVNb 0 - 1.2 748 752 0.034

bcc 9Cr-2VWTa 0 - 1.2 764 783 0.054

bcc 9Cr-2WV 0 - 1.2 753 768 0.054

bcc 9Cr-2VWTa 0 - 10.2 773 802 0.12

bcc Mod. 9Cr-1Mo 0 - 10.2 745 767 0.09

bcc Fe-a 0 - 0.79 304 306 0.2

bcc Fe-b 0 - 1.07 291 291 6

bcc Nb 0 - 0.37 368 368 0.007

bcc V 0 - 0.69 397 393 0.0017

fcc 316-a 0 - 0.78 901 975 27

fcc 316-b 0 - 1.2 925 941 35

fcc 316LN 0 - 1.2 948 935 40

fcc EC316LN 0 - 10.7 883 948 22

fcc HTUPS316 0 - 10.7 709 785 5

fcc AL6XN 0 - 10.7 961 996 17

fcc Cu 0 - 0.92 300 303 0.12

fcc Ni 0 - 0.6 541 530 0.15

hcp Zr-4-a 0 - 0.8 512 524 0.009

hcp Zr-4-b 0 - 24.6 500 500 0.004

hcp Zr 0 - 0.63 159 173 0.09

Materials

DC = dose to plastic instability at yield.

Dose Range, dpa PIS (at 0 dpa), MPa 
PIS 

(average in the dose
range 0 - DC), MPa 

DC , dpa

Table 1. Data for Plastic Instability Stress [47]

Crystal 
Type



onset of necking was defined as the plastic instability
stress (PIS), and it can be calculated from the ultimate
load and uniform strain measurements [47,49]. The PIS
parameter was established as a common stress criterion
for the onset of plastic instability for both unirradiated
and irradiated materials since the dose independence of the
PIS was well confirmed in the extended studies [47,48].
The PIS values for unirradiated and irradiated materials
are listed in Table 1.

Although the true stress-true strain curve after the onset
of necking is not known, it is possible to estimate the true
fracture stress based on a linear strain hardening model for
necking deformation [37,51]. The comparison of strain-
hardening rate during necking (HRN) with PIS values
revealed that the magnitude and temperature dependence
of HRN were approximately the same as those of the PIS
above room temperature, where no martensitic transformation
occurred [50]. This confirms that the strain-hardening rate
is positive during necking although the engineering stress
decreases with elongation. This should be valid as long as
there is a diffuse neck, which occurs usually in ductile
metals before a final failure by localized shear (banding) or
cleavage initiation. The finding that the strain-hardening
rate remains nearly unchanged at plastic instability stress
during necking leads to the use of linear true stress-true
strain curves for necking deformation [37]. 

With constant strain-hardening rates during necking,
a true stress-true strain curve during necking ( U F )
can be expressed by a linear equation [37,51]:

where U and F are the true uniform strain and the fracture
strain, respectively. Then, the true fracture stress FS can
be calculated by replacing with F in equation (7). 

or from the engineering fracture stress (EFS) using the
volume constant condition:

The solution for F and FS can be obtained by iterative
calculations using equations (8) and (9) and engineering
tensile data.

A deformation mode map can be formed by expressing
macroscopic deformation modes, elastic, uniform plastic,
and necking deformations, in true stress versus dose space.
In such a map the true stress parameters such as yield

stress, plastic instability stress, and true fracture stress are
used as the boundaries between the deformation modes.
Figures 10 and 11 present the dose dependencies of true
stresses (or macroscopic deformation maps) for pure
vanadium (bcc) and 316 stainless steel (fcc) [51]. In the
pure vanadium after low temperature neutron irradiation
up to 0.69 dpa, the true fracture stress is nearly independent
of dose with small scattering. Moreover, the plastic
instability stress is almost constant with smaller scatter
[47,51]. Only the yield stress shows significant dose
dependence. Also, it was noticed in the Fig. 10 that the
fracture stress dropped to the yield stress value at 0.68 dpa,
indicating that the specimen was totally embrittled during
irradiation. Such evidences for radiation embrittlement were
often displayed in some relatively low-ductility materials.
In 9Cr-1MoVNb and 9Cr-2WVTa ferritic-martensitic
steels, for example, the true fracture stress was roughly
constant over a dose range of 0 – 1 dpa, while it decreased
with dose after about 1 dpa until it experienced a total
embrittlement at ~ 10 dpa [51]. 

Figure 10 depicts the regions for macroscopic defor-
mation modes such as the elastic deformation, uniform
plastic deformation, and unstable (necking) deformation;
the regions of these modes are defined by the true stress
parameters. Comparing the sizes of the regions for
deformation modes, the mode maps for bcc metals are
characterized by a relatively large plastic instability region
and a narrow uniform deformation region, which should
be due to large necking ductility and low strain-hardening
rate, respectively. 

Figure 11 presents the macroscopic deformation mode
map for 316 austenitic stainless steel. Again, the plastic
instability stress and fracture stress are nearly independent
of dose. In this fcc deformation mode map, the uniform
deformation region is relatively large when compared to the
plastic instability region. This large uniform deformation
region indicates more delayed necking in the 316 stainless
steel. The yield stress of 316 stainless steel will not reach
the plastic instability stress until about 30 dpa, while in the
bcc vanadium the yield stress reaches the plastic instability
stress between 0.001 and 0.01 dpa [36,51]. These differences
between bcc and fcc metals agree with the fact that the
strain-hardening rate in fcc metals are generally higher
than those in bcc metals, especially in high strain region.
The dose dependence of true stress parameters for hcp
metals was not significantly different from those for bcc
metals [51]. 

Thus far, most of studies on strain-hardening behavior
have been focused on stable or uniform deformation. In
the explanation of fracture behavior, however, the unstable
deformation during necking might be as important as the
uniform deformation since mechanical property like fracture
toughness is directly related to the fracture strain (and
stress), and significant true necking strains are often
measured from the irradiated specimens which experience
necking at yield. In fact, the significance of unstable
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deformation is presented in the macroscopic deformation
mode maps for bcc and hcp metals, Figs. 10, as an example,
where the unstable deformation region is much larger
than the uniform deformation region [51]. Above the

critical dose for prompt necking at yield, only unstable
deformation exists and controls the performance of the
material. Until the material is totally embrittled either by
a decrease of fracture stress, or by an increase of yield
stress, the unstable deformation plays a major role in the
determination of fracture toughness, particularly in the bcc
and hcp alloys where the unstable deformation region is
larger compared to the uniform deformation region. Since
the final rapid fracture is the end event of strain hardening,
the radiation effect on strain-hardening behavior should be
emphasized in describing any fracture-related properties
after irradiation. The final conclusion drawn from the
invariance of strain-hardening behavior is that the fracture
stress should be nearly independent of irradiation dose if
no embrittlement mechanism exists [51].  

4. GENERALIZATION OF STRAIN LOCALIZATION    

Descriptions in the previous sections indicate that the
true strain-hardening rate at a given true stress is not
significantly affected by the microscopic strain localization
[47,49]. Although the detailed mechanism of channel
formation is largely unknown, a number of studies have
confirmed that defect clusters are cleared by gliding
dislocations within channels [4-13]. A significant drop of
local shear stress in the channel may occur because of this
clearance in the early stage of channel formation. In twinning,
a significantly reduced stress is necessary after the glide
of the first partial forms stacking fault. If the macroscopic
strain-hardening rate remains unchanged with strain
localization, however, the softening effect from the defect
clearance or stacking fault formation is a local, temporary
event and the local stress level should return quickly to a
level as high as those in adjacent regions [24,47]. This
indicates that certain mechanism in the localized deformation
compensates the softening effect in the bands. 

Byun and Farrell [47] suggested two possible reasons
for the dose independence of strain-hardening behavior: (1)
Similar true strain-hardening behaviors can be produced
by the channel deformation in irradiated materials and by
the uniform deformation in unirradiated materials. (2)
Deformations in irradiated materials and in heavily-deformed
unirradiated materials are both equally localized. If the
first suggestion is correct, the strain-hardening rate due
to long-range back stresses in the channels and twins in
irradiated metals should be as high as that in the region of
uniform deformation in unirradiated metals. Also, to justify
the second suggestion, we have to observe microscopic
strain localization in the dislocation tangle dominant
microstructures.

4.1 Long-Range Stress in Localized Deformation
A theoretical model was proposed to elucidate the

importance of the long-range back stress in strain hardening
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Fig. 10. Dose Dependence of True Stress Parameters
in Pure Vanadium After Low Temperature

Neutron Irradiation 

Fig. 11. Dose Dependence of True Stress Parameters in
316 Stainless Steel After Low Temperature Neutron

Irradiation [51] 



during strain localization [24]. In the modeling the long-
range back stress was formulated as a function of the
number of residual pileup dislocations at a grain boundary
and the number of localized bands formed in a grain. Two
different features were taken into account to discern the
channeling and twinning mechanisms [24,68]. First, the
sizes of the Burgers vectors are different for perfect and
partial dislocations. Second, the stacking faults always
exist with twins, and the fault energy ( SF ) acts as a
resistance force to the glide. In the theory summarized
below, channeling is described first and the two features
were incorporated to convert the channeling model to the
twinning model.

This channeling model involves a well-developed
defect-free channel only, in which most of shear plasticity
has already propagated into adjoining grains leaving white
bands in the edge-on TEM micrographs [24]. Since the
channel displacement, NC b, cannot be completely transferred
to the adjoining grain by glide to the same direction unless
the orientations of the two grains are perfectly identical,
some amount of the displacement must remain at the grain
boundary. Considering that dislocations are scarcely observed
at an intersection between the grain boundary and the well
-developed channel [1-4], only a small portion of total
displacement is believed to remain in the form of a small
dislocation pileup. Since the back stress from a pileup of
a few hundred dislocations can easily exceed the flow stress
level of the material and stop further slip, clear channels
may be developed only in the grains having similarly-
oriented adjoining grains to which the channels can easily
propagate. A highly simplified graphical model for the
channeled grain was used to derive an equation for total
back stress; the grains include multiple channels and each
channel retains a few residual dislocations at the grain
boundary [24]. If a small pileup of NR residual edge di-
slocations exist in the ith channel at a grain and dislocations
are being generated at a source, the back stress exerted to
the source can be calculated from the stress fields from
the residual dislocations piled up at the grain boundary
[53-55]. Assuming there are NG channels in the grain, the
shear component of total back stress at a dislocation source
is calculated by the summation of back-stress components
in individual channels:

where L and hi are defined as the effective grain size and
vertical distance between the source and the residual pileup,
respectively. 

Again, the present twinning model treats the well-
developed twins only, such as those seen in Figs. 3(c)
and 3(d). No interaction between twins or between twins

and channels was considered; if any, smaller twins might
be formed and the strain-hardening behavior becomes
similar to that by dislocation tangles or often cell structures.
It is known that deformation twins are formed by successive
glide of partial dislocations of pure screw component
[45,60-62]. As stated earlier, glide of the first Shockley
partial dislocation leaves an intrinsic stacking fault behind
it and only the first partial needs an extra stress to over-
come the attractive force due to the stacking fault energy
(= SF /bp). Subsequent glides on the successive planes do
not need additional stress to overcome the fault energy and
form a twin layer. Since radiation-induced defects are not
completely removed by twinning [42], the softening effect
by glide of the first partial may play a major role in the
forming and thickening of a twin by inducing subsequent
glide of partial dislocations.  

To consider these features of twinning, the relationship
developed for channeling, equation (1), should be modified:
the magnitude of Burgers vector for a partial dislocation,
bp, is used and the position function is for a pure screw
dislocation:

To evaluate above equations (10) and (11), the number
of residual dislocations NR and the number of channels in
a grain NG need to be estimated. Detailed procedures for
calculating these parameters are described elsewhere
[24,68].  Since the long-range stress hardening is caused
by the dislocations which pile up at a grain boundary, the
number of the pileup dislocations is a key parameter in
the calculation. Table 2, for example, lists the number of
residual dislocations, along with other dislocation number
data. The results confirm that hundreds of dislocation glides
are necessary to form a channel or a twin; the number of
gliding dislocations per channel, NC, are in the range
300 – 500. It turned out, however, that a few residual
dislocations at each channel-grain boundary intercept
could account for the strain-hardening rates as high as
those for the uniform deformation by dislocation tangling
[24,68]. The total number of residual dislocations will
keep increasing as more channels are formed in a given
volume, and therefore the density of residual dislocation
(last column in the table) increased with strain. Mechanical
twinning formed more bands, which was necessary to
accommodate macroscopic strain with the smaller Burgers
vector of partial dislocations. 

It was shown that the strain-hardening behavior predicted
by the long-range back stress model resembled the empirical
strain-hardening behaviors which result from both localized
and non-localized deformations [24]. The result is provided
in Fig. 12, where the PIS values predicted for channeling
was well comparable to the tensile test data. These results,
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therefore, indicates that at least the first term (1) in above
suggestions is valid; the strain localization is not accompa-
nied by significant change in macroscopic mechanical
property or strain-hardening behavior, except for the increase
of yield stress, which often comes with a yield drop. 

4.2 Generalization of Strain Localization
There is also supporting evidence for the second

suggestion above: channels can be formed in unirradiated
materials after heavy pre-deformation. Such channel
deformation has been reported for copper [69], molybdenum
[70-71], and aluminum [72]. In these results, macroscopic
strain-hardening rates were positive, although localized
(channeled) deformation was observed. This suggests
that the dislocation channeling is a common phenomenon
for any high stress deformations. Whether the material is
irradiated or not, a possible driving force to initiate
microscopic strain localization could be a local softening
effect due to the dislocation annihilation (or dynamic
recovery), which is analogous to the defect clearing process
in irradiated materials. It is also proposed that the localized
deformation will occur in any highly strengthened material
if dislocation glide can induce a local softening or reduced
hardening rate. It is seen most readily in transmission
electron microscopy examination of irradiated materials
because the radiation damage microstructure provides a
sharp contrast backdrop to the cleaned channels, while it
should be difficult to detect in pre-strained materials because
of lack of contrast. 

Another good example for the generalization of strain
localization is the twins formed after heavy deformation
in austenitic stainless steels. As mentioned in sections 2 and
4, a softening effect is induced by formation of stacking
fault by glide of the first partial [45]. Twinning also becomes
dominant in the high stress condition imposed by defor-
mation at cryogenic temperatures below ~100 °C [50].
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Fig. 12. Comparison of Predicted Plastic Instability Stresses
with Experimental Data [24]

316 Channel 0.78 (n) 1010 0.29 307 117 2.3 27

316 Twin 0.78 (n) 900 0.31 493 132 3.1 41

316LN Channel 10.7 (n+p) 950 0.09 291 24 2.3 6

316LN Twin 10.7 (n+p) 940 0.09 493 36 3.1 11

Deformation
Mechanism

Note : n-neutron; n+p-neutron and proton,

NC = the # of glide dislocations per channel,

NG = the # of channels per grain,

NR = the # of residual dislocations per channel, and

NG NR / L = the density of residual dislocation (per unit length of grain boundary) 

Dose, dpa
(radiation)

Stress, MPa
(predicted PIS) Strain NC NG NR

NG NR / L
(residual

dislocations/µm)

Table 2. Dislocation Numbers at PIS Calculated for the Highest Dose Cases [68] 

Mater.



Examples for the twins not involving irradiation are shown
in Figs. 13(a) and 13(b), where thick twins are clearly seen
in heavily deformed specimens with heavy dislocation
tangles as background [50,68]. 

Although the evidences reported may not be sufficient
to confirm the strain localization as a general high stress
phenomenon, the existing results provide important
evidences for the thought that the localized deformation
occurs more easily at higher stresses, usually exacerbated
by a lowered strain-hardening rate. 

5. SUMMARY 

Both the macroscopic and microscopic strain localization
phenomena in irradiated materials are reviewed and chara-
cterized in this paper, emphasizing the latest findings at
ORNL. A summary is given as below:
[1] Microscopic localization mechanisms observed in

irradiated metals are the dislocation channeling and
defor-mation twinning. In channeling ordinary
dislocations glide along the limited slip planes within
a band, removing or cutting through small barriers
in their paths. This defect-clearing interaction
creates an easy path for subsequent dislocation glide
and a narrow channel is developed. In some high
stacking energy bcc materials such as vanadium and

molybdenum, curved and widening channels can be
formed depending on dose and stress state. In low
SFE fcc materials, the deformation twins can be
formed after irradiation by glide of Shockley partial
dislocations on successive {111} planes. In such a
twin, shear strain is ~70% and the number density of
defects is reduced by glide of partial dislocations. In
both mechanisms dislocation glides are evenly
distributed and well confined in the narrow bands
usually a fraction of a micron wide. 

[2] The effect of irradiation on the true stress-true stain
curve is increase of yield stress and loss of uniform
ductility; however, after the yield point the strain-
hardening behavior is not evidently affected by irradiation
at the same true stress level. This agrees with the other
important findings that the plastic instability stress
and true fracture stress are nearly independent of dose
if there is no radiation-induced phase change or
embrittlement. 

[3] No evident relationship between the microscopic
and macroscopic strain localizations is found. This
is explained by long-range back-stress hardening in
both channeling and twinning deformations;
dominant strain-hardening mechanism changes from
the dislocation tangling (or others) in uniform
deformation to the long-range stress hardening in
localized deformation. 
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Fig. 13. Twins (dark bands) Formed in Heavily-deformed 316 Stainless Steel [3,37]: Twins Formed on the Top of
Dense Dislocation Tangles (a) at 0 dpa, 57% Strain and (b) at 0.001 dpa, 55% Strain 



[4] The strain localization has been observed in the high
stress deformations such as high speed deformation,
low temperature deformation, and deformation after
irradiation or heavy pre-straining. It is believed that
additional research efforts can confirm the strain
localization as a general high stress phenomenon. 
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